When underaged, damage tolerant Al-Li based alloys are exposed to slightly elevated temperatures (60 to 100ºC), their strength increases and toughness decreases. To study the first stages of this process, 8090 sheet in three underaged heat treatment conditions, including T3, T81 and a multistage temper, was exposed for 1000 h at 70°C. Using a model for strengthening in combination with a quantitative analysis of differential scanning calorimetry data, it is shown that strengthening can be explained by an increase in the volume fraction of the δ' phase and, to a lesser extent, to the formation of Guinier-Preston (GPB) zones. For the T3 temper, coarsening of δ' precipitates is the main strengthening mechanism during exposure at 70ºC. The solvus of δ' and GPB, which to a large extent defines this embrittlement, is discussed. Toughness reduction during exposure at slightly elevated temperatures can be minimised via a multi stage temper or via a reduction of the Li content of the alloy.
Introduction
Early work in the aircraft industry on Al-based alloys was focused on the development of high strength alloys, but more recently, the emphasis has changed to allow the development of alloys offering an improved combination of properties in particular damage tolerance, i.e. the ability to resist crack growth. For a given strength (design stress), damage tolerance may be improved through enhanced resistance to fatigue crack growth and/or improved fracture toughness.
For the 8090 (Al-Li-Cu-Mg-Zr) alloy a good combination of specific strength and toughness can be achieved by underageing, e.g. the T81 treatment, which consists of solution treatment, stretch, natural ageing (= ageing at ambient temperature) and artificial ageing (24 h at 150°C) [1, 2] .
Unfortunately, Al-Li based alloys in this damage tolerant condition strengthen and reduce in toughness when exposed to slightly elevated temperatures around 60 to 100°C [3, 4] . Clearly, this poses a serious problem for many of the potential applications for aluminium-lithium alloys especially in terms of safe-life calculations. For example, aircraft skins in the vicinity of jet and auxiliary power unit exhausts, aircraft used at high mach numbers, and aircraft left standing in strong sunlight could all be expected to be exposed to temperatures above 60°C for long periods.
There have been various suggestions for the causes of the decrease in toughness of Al-Li based alloys when exposed to slightly elevated temperatures. For 8090 alloys these include the segregation of lithium atoms to the grain boundaries [5] , formation of Cu and Mg containing Guinier-Preston zones (GPB) [6] , the precipitation of fine L1 2 ordered δ' phase [1, 6] and the coarsening of δ' [4] . For Cu free Al-Li based alloys, mostly the precipitation of fine δ' has been identified as the mechanism for reduction of toughness and a transition between the two processes of nucleation of fine δ' and coarsening of pre-existing δ' depending upon exposure temperature and cooling rate to the final exposure temperature has been reported [7, 8] .
This paper sets out to establish an improved understanding of the microstructural changes which are responsible for the thermal instability of the aluminium alloy 8090 in damage tolerant tempers as well as to evaluate recently developed multi-step ageing treatments [4] which reduce the property instabilities. We will focus especially on the first stages of embrittlement, up to 1000 h at 70ºC.
Experimental
Alloy sheet of 8090 specification was supplied by Alcan International (composition given in Table   1 ). The post homogenisation processing included hot rolling to 3.5 mm thickness, annealing and finally cold rolling to 2.1 mm thickness. The sheet was solution treated at 530°C for 30 minutes and cold water quenched prior to thermo-mechanical treatments:
T3 -2% stretch plus natural ageing (for more than one year) as described above.
T81 -T3 plus additional ageing for 24 h at 150°C, a commonly used standard in industry for the production of damage tolerant alloys.
Retrogressive step wise (RSW) -a heat treatment developed by Avro International Aerospace
Ltd./British Aerospace plc (see e.g. [9] ) consisting of a series of four cumulative heat treatments applied to material in the T3 condition: 1 h at 150°C, 8 h at 120°C, 24 h at 105°C and 8 h at 95°C, with air cooling to ambient between each step.
Thermal Exposure at 70°C (X70ºC) -this treatment has been carried out as an addition to the previous three conditions, and is intended to be representative of the maximum temperature the alloy will reach in service.
In addition to the work on the 8090 sheet limited experiments were performed on 8090 and 1441
plate. Compositions are listed in Table 1 and all plate material was received from the suppliers in a standard damage tolerant T8 condition which included a final ageing treatment of 24 h at 150°C.
Duplicate tensile tests were carried out for each heat treatment condition, both in the rolling direction (L direction), and transverse to the rolling direction (T direction). Macro hardness tests ("10 kg" load) were carried out on all heat treatment conditions and each result is the average of three tests.
Sheet specimens of 57.2 x 36.5 mm (T x L) with a centre notch in the L direction and loading holes at ¼ and ¾ of the dimension in the T direction were machined and tear tests were carried out with the tensile axis in the T direction (this is a so-called Kahn tear test, for further details see Ref. [10] ).
After allowing for the plastic deformation at the loading holes (as measured using a specimen without notch), fracture energy was calculated in terms of propagation energy (W) and initiation energy. Generally, the total propagation energy is used to represent the toughness of the material as it has been found that this correlates with the K 1C value for a given material. For plate material standard Charpy impact toughness tests were performed on T-L samples. Toughness results are typically reproducible within about 3%.
Scanning electron microscopy (Jeol JSM 6400 and Jeol T300) was used to study fracture surfaces from the tensile and toughness tests on the sheet material. Foils for transmission electron microscopy (TEM) were prepared using standard techniques (see e.g. Ref.
11) and they were investigated using a Jeol 2000FX microscope. δ' phase particles were imaged in dark field conditions (see e.g. [4, 11, 13] ).
To study matrix precipitation in the alloy differential scanning calorimetry (DSC) experiments were performed employing a heating rate of 10K/min (for further details and correction procedures see [11, 12] ). The presented DSC curves represent heat flows due to reactions only. The procedure used for preparation of the DSC samples influences the resulting DSC curve obtained [12] . For the present work, two types of preparation techniques of T3 8090 were evaluated. In the first one a disk shaped DSC sample was punched out of a ground sheet and in the second one a disk shaped DSC sample was electrochemically removed from a ground sheet. The two resulting DSC curves were very similar, and hence the more convenient preparation technique of punching was selected for the present study. 
Results

Mechanical properties 8090 sheet and plate.
Mechanical test data for T3, RSW and T81 8090 sheet prior to exposure are presented in Table 2 .
As expected, the naturally aged T3 material has the lowest strength and the artificially aged T81 condition the highest strength. As a result of the texture of the rolled sheets, the orientation of the tests affects the tensile properties, with the L direction specimens having the higher 0.2% proof stress by 15 to 30 MPa. In terms of the ultimate tensile strength (UTS) of aged 8090 materials, this difference between L and T directions is much reduced (T81) or even reversed (RSW). The propagation energies for the unexposed heat treatment conditions show that T3 provides the greatest toughness whilst those for RSW and T81 are very similar despite differences in yield stress of 30 MPa.
Mechanical test data for the exposed (1000 h at 70°C) T3, T81 and RSW samples are presented in Table 3 . It can be seen that the T3 and T81 8090 samples are unstable with respect to strength, elongation and toughness, whilst the RSW 8090 sample is stable with respect to toughness, but unstable for strength and elongation. Data on longer term exposure at 70ºC (up to 4000 h) has revealed [4] that also RSW samples exhibit a reduction in toughness. A plot of the yield strength vs. the toughness is presented in Fig. 1 . In general the largest changes caused by exposure are seen for the T3 condition, with the proof stress in all orientations increasing by ~50 MPa. Also in terms of the propagation energy the T3 condition shows the greatest changes. Table 3 shows that changes in work hardening exponent after exposure are significant only for the T3 condition. After exposure the T3 condition still has the highest value of propagation energy and T81 still has the lowest value of propagation energy ( Table 3) . 
Analysis of the microstructures of 8090 sheet
TEM investigation showed the presence of δ' phase particles in all heat treated conditions, whilst no S' was observed. The average δ' sizes for the unexposed samples is 2, 6 and 9 nm for T3, RSW and T81 samples, respectively. Only for the T3 sample an increase in average δ' size on exposure was detected: the size doubled from 2 to 4 nm for T3+X.
EDX analysis in the SEM of dispersoids showed particles rich in Al, Fe and Cu, consistent with the Al 7 Cu 2 Fe phase which is generally present in Cu containing Al-based alloys of commercial purity.
(Commercial Al-based alloys always contain some Fe and Si impurities.) These Fe containing dispersoids do not undergo transformations during heat treatment. To analyse the microstructural changes that occur during ageing and exposure, DSC experiments have been performed on 8090 sheet in various heat treated conditions. In general, the traces ( Fig. 2 to 8) show up to six different effects which are labelled A to F (see Fig. 2 ). Previous work [11, 12, 13] has attributed these effects to the following reactions:
A GPB zone formation. as seen in these DSC curves. In samples artificially aged to full development of the δ' and GPB zones (i.e. aged for several days at about 170ºC), the main low temperature dissolution event occurs between about 200 and 270ºC [11] . This indicates that events occurring before 200ºC in T3 and RSW samples are related to the following possible reactions i) dissolution of precursors of δ'
(endothermic), ii) dissolution of very fine δ' precipitates that become unstable on increase of temperature (endothermic), iii) further ordering of L1 2 ordered domains (exothermic) iv) changes in the initially diffuse interface layer between δ' and the matrix [14] leading to a sharper interface (exothermic) v) coarsening of δ' (exothermic), vi) dissolution of GPB zones/clusters (endothermic).
Clearly, the heat effects between 50 and 260ºC in the DSC curves of the T3, RSW and T81 samples can be explained by various combinations of superpositions of the above 6 reactions. However, as precursors of δ' have never been directly observed, and coarsening of δ' (reaction v) is expected to cause only minor exothermic effects, it is suggested that all effects in the DSC curves between about 50 and 260ºC are due to reactions ii, iii, iv and vi. Thus, in this interpretation, T3, RSW and T81 8090 samples contain only GPB zones and δ' phase (with an initially diffuse δ'/matrix interface layer). It will be shown below that this interpretation in consistent with the data on microstructure (DSC and TEM) and data on mechanical properties. The DSC curves for the T3 and the T3+X condition ( Fig. 3 ) both show two dissolution effects below 270°C. Both curves have a dissolution effect at a common temperature of approximately 230°C, but with a small reduction in magnitude for the exposed T3 case. Notably, the lower temperature peak in the exposed T3 sample is shifted to a higher temperature. The DSC traces for the T81 and T81+X samples (Fig. 7) show a common minimum at 230°C. The exposed T81 sample displays a shoulder that has been shifted to a lower temperature. In comparing the DSC traces for the T81, T81+X, RSW and RSW+X samples it appears that exposure at slightly elevated temperature essentially causes an increase in the endothermic heat flow between 70 and 230ºC, but this occurs without significantly altering the overall shape of this low temperature part of the curves which is characterised by 2 endothermic peaks. This indicates that exposure at slightly elevated temperature does not lead to formation of new types of precipitates or the appearance of bimodal size distributions of any particular phase. In correspondence with this, TEM did not reveal bimodal size distributions of δ' precipitates in any of these samples. 
Analysis and Discussion
Quantitative analysis and model for strengthening
To calculate the volume fractions of GPB zones and δ' phase from the DSC curves, a procedure adopted before [13, 14] has been employed. For this calculation, first the total heat effect per unit volume of sample, ΔQ d , of the combined dissolution of GPB and δ' in the range 50 to 260ºC is calculated from the DSC graphs. This heat effect is the sum of the dissolution effects of GPB zones and δ' phase, i.e.:
The amounts of GPB zones and δ' phase present are given by:
where ΔH GPB and ΔH δ' are the heats of formation (per unit volume of phase formed) and f GPB and f δ' the volume fractions of GPB zones and δ' phase, respectively [14] .
The peaks due to the GPB zones and δ' phase dissolution effects can not be separated and, hence, either f GPB or f δ' will have to be estimated. As the heat treatments employed are all relatively long we can expect that the GPB zone formation is nearly completed, i.e. that the amount precipitated can be approximated by the solvus of the GPB zones. This procedure has been applied by estimating f GPB using the solvus of GPB in 8090 [19] and subsequently calculating f δ' using Eqs. 1-3. Results are presented in Table 4 . It is noted that whilst no increase in the size of δ' phase nor the formation of additional small δ' phase precipitates could be detected by TEM, the volume fractions of δ' phase as calculated from the analysis of the DSC curves increase during exposure at 70ºC both for the T81 and the RSW 8090. This indicates that, although not detected by TEM, limited growth of δ' phase indeed occurred. Hence we will correct our measured δ' phase sizes using:
with an equivalent correction for the RSW+X samples. This correction amounts to an increase of d δ' from 9 nm (T81) to 9.8 nm (T81+X), which, indeed, is largely undetectable by TEM. According to the model, the increase in strength resulting from the increase in average size (i.e. at constant total precipitate volume) is nearly negligible (<2 MPa).
In the RSW and T3 alloys no significant S' is expected to be present because ageing temperatures are too low and/or ageing times to short, but our previous results on 8090 MMCs [13] (i.e. 8090 containing a significant amount of misfit dislocations) suggest that T81 8090 may contain a very small amount of S' on dislocations. Indeed, the very small changes in the DSC heat effect due to S' formation on ageing at 150ºC for up to 24 h (Fig. 4) indicate that a small amount of S' is present in the T81 alloy. This amount is estimated using the analysis and model fits of S' formation in monolithic 8090 presented in Ref. [13] , employing a correction for the minor difference in temperature (150ºC in for the present T81 treatment vs. 170ºC in Ref. [13] ) as outlined in Ref. [11] .
This yields an S' content of 0.04 vol%, which causes a modest increase in yield strength of about 40
MPa.
Using the precipitate volumes and sizes obtained from the analysis outlined above, the yield strengths of the 8090 sheet alloys in the various heat treated conditions were calculated using a model outlined in detail in a previous paper [20] . The model and associated parameters are outlined briefly in the Appendix and final predicted yield strengths are presented in Table 4 . These model predictions are in reasonable agreement with the measured yield strengths, thus confirming that our interpretation is essentially sound. Notwithstanding the reasonable overall agreement of experimental data and model predictions, other factors, not explicitly included in the model, may contribute to the changes in mechanical properties during exposure at slightly elevated temperature. Two mechanisms are especially highlighted: variation of Taylor factor and minor changes in the order within the δ' phase. The Taylor factor, M, is sensitive to the degree of stress localisation and/or the number of slip systems operating in a grain [20, 21] . Both can be influenced to some degree by δ' phase precipitation and growth and, hence, ageing can result in (limited) variations in M. Further, improved ordering within the δ' phase and changes of the δ'/matrix interface can cause an additional hardening increment. The changes in strengthening efficiency of δ' phase as a result of changes in degree of ordering have been commented on before [22] .
It is noted that the volume fractions of δ' phase in artificially aged samples exposed at 70ºC calculated from the DSC data are higher than the saturation values that can be obtained from the (metastable) solubility data for Li in 8090 in Ref. [16] , which is the only data on the δ' phase solvus in 8090 (according to our calculations f δ' is about 22 vol% vs. about 13 vol% according to the solvus data published in Ref. [16] ). As this may potentially undermine our present interpretation we repeated the above analysis, but instead of using the GPB solvus as a starting point for the calculations we now assumed full δ' phase formation and used the solvus data in Ref. [16] . This procedure yields somewhat different volume fractions of δ' phase and GPB zones, and final yield strength predictions overestimate the measured yield strength by about 20 MPa (see Table 5 ).
Whilst this deviation may be considered quite limited, the position of the low temperature solvus of δ' phase does influence the analysis of the relative importance of δ' and GPB formation in the total strengthening. Thus, to analyse this relative importance, the data on the low temperature solvus of δ' phase in Al-Li-Cu-Mg type alloys needs to be investigated more closely.
The main points in the relevant literature on the low temperature solvus of δ' phase in Al-Li-Cu-Mg type alloys can be summarised as follows:
1. Addition of Cu or Zr to Al-Li has no significant influence on the solvus of δ' phase [23, 24] .
Addition of Mg to
Al-Li has a very minor effect on the solvus of δ' phase. Some researchers have detected a minor decrease of the solvus [23, 25] , whilst others have detected a minor increase [26] .
3. The metastable solubility of Li at room temperature has been reported as 5at% (Schiffini and co-workers [27, 28] ) and 2.3 at% [29] for binary Al-Li and as 5.4at% [16] and 1.6at% [17] for quaternary Al-Li-Cu-Mg alloys.
4. The low temperature (<90ºC) solvus of binary Al-Li in Refs. [30, 31] is based on a single data point obtained using SAXS on a sample aged for 200 h at 20ºC by Ceresara et al. [27] . This solvus indicates a solubility of 5.3at%Li at 70ºC, which is inconsistent with our results. 8. The low temperature solvus of binary Al-Li in Ref. [34] is based on cluster variation technique, with the interaction parameters fitted to solubility data in the temperature range 110-350ºC. As the low temperature solubility in Ref. [34] (1at%Li at 70ºC) is doubtful [24] , and inconsistent with all experimental data and theoretical modelling we will disregard this low temperature solvus.
In comparing the above data and interpretations it is apparent that inconsistencies exist. Assuming that the effects of Cu and Mg addition on the solvus of δ' phase is limited [23, 25] , our present results support the low temperature (<100ºC) solvus suggested by Khachaturyan et al. [32, 33] as well as the similar one presented by Noble and Bray [24] , and it appears that the solvi in Refs. [16, 30] significantly overestimate the solubility of Li in the 8090 alloy and in Al-Li alloys. An explanation for the inconsistencies may be that in the samples aged at 20ºC which were used to define the low temperature solvus in Refs. [16, 30] , δ' phase formation was incomplete. Justification of this suggestion may be found in our observation that ageing of 8090 for more than one year at room temperature is not sufficient to complete precipitation (in Ref. [30] a sample aged for 200 h at 20ºC was employed). The metastable equilibrium amounts of GPB zones and δ' phase in our 8090 samples as obtained from the solvus data in Refs. [19, 24] is presented in Fig. 1 . This solvus data is consistent with our assessments. Fig. 1 Equilibrium volume fractions of GPB zones and δ' phase in our 8090 (sheet) samples as obtained from the solvus data in Refs. [19, 24] .
Work hardening is caused by the presence of non-shearable obstacles to dislocation motion, such as grain boundaries and strong particles. Thus, in the present underaged 8090 alloys, work hardening is caused mainly by grain boundaries and β' (Al 3 Zr) [13] , but largely uninfluenced by shearable GPB zones, δ' or small S' precipitates. As grain structure and β' (Al 3 Zr) are largely uninfluenced by artificial ageing at 70ºC this exposure has no significant influence on the work hardening exponent (see Tables 2 and 3) , even though significant changes in the sizes and volume fractions of GPB zones and δ' occurs. The difference between the work hardening exponents in T and L direction is thought to be related to texture or the shape of the grains (elongated in the L direction).
Mechanisms of embrittlement
Fractography of the 8090 sheet toughness specimens (Fig. 1 ) reveals no evidence of grain boundary embrittlement due to exposure. This refutes earlier suggestions [5] that embrittlement on exposure at slightly elevated temperatures could be due to segregation of lithium atoms to the grain boundaries. Instead, failure seems to be dominated by intragranular ductile shear failure in strongly underaged tempers (T3) and more strongly defined shear decohesion with occasional grain boundary failure in artificially aged tempers (RSW, T81). This transformation of failure mode in the unexposed material is as would be expected for tempers of increasing strength. Although the exposed materials might have been expected to show some evidence of increased slip planarity due to the increase in volume fraction of δ' particles, the fractographs in fact indicate that no significant change in the relative importance of the fracture modes occurs. This indicates that the changes in volume fraction of δ' particles on exposure at slightly elevated temperature reduce the resistance to both ductile shear failure and shear decohesion to a similar extent. For RSW and T81 8090 material, the relative insensitivity of observed fracture modes to exposure can further be discussed in terms of the critical δ' diameter for the occurrence of slip planarity, d c , as identified in the works of Blankenship et al. [35, 36] . In these works it is shown that d c is proportional to r f L , where L is the slip length. In the present samples the amount of S' is too low to effectively cause slip dispersion, and, hence, L can be estimated to equal the subgrain size (~ 2 μm, see Refs. [11, 13] ), and from the data in Table 4 On the latter point it should be noted that in some specific cases, variations in the toughness levels are possible for one single yield strength are possible. This is specifically illustrated by double aged 8090 for which the strength-toughness combinations are enhanced as compared to underaged alloys [35, 37] . Additional work by the present authors [38] has further shown that strengthtoughness combinations of 8090 aged for 6 years at room temperature (T3(6y)) can be improved by flash reversion (5 min at 190ºC), and even after a subsequent exposure for 1000 h at 70ºC strengthtoughness combinations are better than in the T3(6y) condition. Explanations for the enhanced strength-toughness combinations in these works is thought to lie in the occurrence of a significant amount of slip dispersing S' precipitates (which decreases L and thus decreases the propensity for planar slip), enhanced work hardening, dissolution of fine δ' phase (which reduces f, thus yielding a decrease in the propensity for planar slip) and/or bimodal size distributions of δ' phase. It is noted that these features appear in alloys with yield strengths in the range of 300 to 400 MPa and will generally be less important or absent in the very underaged microstructures considered in the present work (yield strengths 170-340MPa). (nm) Table 5 Strengths as predicted by the model (see text) using two methods of calculating the amounts of δ' and GPB: a) by estimating GPB fractions from the GPB solvus, and b) by estimating δ' fractions from the δ' solvus in Ref. [16] . (Values in brackets are for the unrealistic case of δ' in the naturally aged condition being fully effective in strengthening the alloy.) 
Reducing sensitivity of Al-Li based alloys to low-temperature embrittlement
Our current interpretation (   Table 4 ) rationalises the present microstructure data (TEM and DSC) and proof stress data as well as conflicting literature data on the low temperature solvus of δ'. Thus, the present analysis based on the strengthening model indicates that changes in proof stress up to 1000h exposure at 70ºC are related mostly to changes in the volume fractions and sizes of the established zones/precipitates: GPB zones and δ' precipitates. For the present underaged alloys (σ 0.2 < 340MPa), the decrease in toughness is thought to be directly linked to the increase in yield strength via the established toughness-strength relations for underaged 8090 [4] . It is further noted that additional experiments (results not presented) have shown that the observed toughness changes in the underaged 8090 as well as 1441 Al-Li based plate alloys are reversible, i.e. a short reversion treatment (5 min at 190ºC) after exposure at 70ºC restores the toughness of the alloys to pre-exposure levels, whilst a subsequent second exposure reduces the toughness again to pre-reversion levels. These T8-exposure-reversion-reexposure experiments further show that for the present exposures (up to 1000h at 70ºC) embrittlement is unlikely to be related to Ostwald ripening (i.e. coarsening at nearly constant volume fraction) as this process is not reversible.
It is further noted that whilst the present analysis indicates that for RSW and T851 exposed up to 1000h at 70ºC Ostwald ripening is not an important factor, this process will cause significant additional hardening on more extended exposure [4, 39] . To illustrate the potential for further hardening due to Ostwald ripening the microstructure development during exposure at 70ºC has been estimated using literature data, and this microstructural data has been used as input to our strengthening model. This procedure is outlined in Appendix 2 and the resulting graph of strengthening ( Fig. 1) illustrates that hardening of 8090 at 70ºC is a two-stage process consisting of precipitation followed by coarsening. The potential for hardening due to coarsening is very large (>100 MPa), but the rate of hardening is very low: to achieve half of the hardening several years of exposure at 70ºC are necessary. The present analysis indicates three ways in which the sensitivity to embrittlement during exposure at slightly elevated temperature of Al-Li-Cu-Mg alloys can be reduced:
-Applying an RSW type ageing treatment. This will ensure that the driving force for additional δ' phase formation during stage I is low whilst δ' phase precipitates are smaller than in T81
alloys. Especially the latter is beneficial because it causes the strengthening during stage I to be limited as compared with the T81 alloys. The present analysis indicates, however, that during stage II hardening coarsening will cause δ' particle sizes to converge for all heat treated 8090 alloys and hence the benefits of RSW treatments will eventually be lost.
-Reducing the amount of δ' phase that can form at 70ºC through reduction of the Li content.
This will ensure that i) the driving force for additional δ' phase formation during stage I is low,
and ii) the maximum hardening achievable during stage II is limited. As a result hardening and the concomitant embrittlement at 70ºC will be slow in both stage I and II.
-Increasing the amount of GPB zones that can form through increasing the Cu and Mg contents, whilst reducing the Li content to maintain the same initial strength levels. As the strengthening increment due to GPB zones is proportional to f GPB 1/2 the relative importance of additional strengthening due to additional GPB formation at 70ºC is reduced for alloys with higher Cu and Mg contents. More importantly, the relative importance of additional strengthening due to additional δ' phase formation (stage I hardening) and δ' phase coarsening (stage II hardening) is much reduced for alloys with higher Cu and Mg contents because superposition of strengthening contributions, τ i , is given by:
with q > 1 (see Appendix and Ref. [40] ).
The effectiveness of the first modification can be illustrated by the mechanical property data on exposed RSW 8090 ( Fig. 1) and by work on RSW 8090 by Vine et al. [4] . Reducing the Li content of 8090 has been employed, leading to the so-called ALFSOTATS alloy, and his modification has been shown to be effective in reducing embrittlement [4] . Additional experiments on 1441 (Al-2.0Li-1.8Cu-0.85) plate alloys showed that embrittlement after exposure for 1000 h at 70ºC is less pronounced than for 8090 plate.
Conclusions
Rolled 8090 sheet in three underaged heat treatment conditions, including T3, T81 and a multi stage temper designated RSW, was exposed for 1000 h at 70°C. The fine microstructures developed during the ageing treatments and subsequent thermal exposure were studied quantitatively via differential scanning calorimetry and transmission electron microscopy. The following conclusions were drawn:
• Exposure of T3, T81 and RSW 8090 material at 70ºC causes an increase in yield strength and a decrease in toughness. Toughness reduction is limited for the RSW condition.
• Available evidence suggests that the low temperature DSC effects in T3 and RSW comprise of dissolution of fine δ' which becomes unstable on heating in the DSC, coarsening of δ', and, finally, dissolution of coarser δ' and GPB. No direct evidence of δ' precursors was detected.
• The effect of exposure for 1000 h at 70°C on T3 material is to reduce the volume fraction of δ' and to increase the δ' particle diameter from 2 nm to 4 nm.
• The effect of exposure for 1000 h at 70°C on RSW and T81 is to primarily increase the volume fractions of δ' and GPB zones.
• Quantitative analysis of the DSC data in combination with a comprehensive model for strengthening of Al-Li-Cu-Mg-Zr type alloys shows that observed changes in properties can be explained in terms of the measured changes in the volume fractions of δ' and GPB zones.
• Compared to the standard T8 temper, 8090 in the RSW condition is more stable on exposure at 70°C.
• Many conflicting data on the low temperature solvus of δ' in Al-Li and Al-Li-Cu-Mg has appeared in the literature. Our data is consistent with the solvus presented by Khachaturyan [32, 33] as well as the similar one presented by Noble and Bray [24] .
Calculations were made to estimate the expected strengthening in the 8090 alloy for the various heat treatment conditions studied. These calculations were based on a comprehensive model described elsewhere [20] , which takes precipitate strengthening (by GPB zones, δ' and S'), solution strengthening (by Cu, Mg and Li), grain and sub-grain strengthening and dislocation hardening into account. For the present alloys GPB zone and δ' phase are the main strengthening components and, hence, we will briefly describe how the strength contribution of these two phases are modelled.
Strengthening due to δ'
We base our analysis on the expressions presented in Refs. [41, 42, 43] , which yield good fits to measured CRSS of Al-Li single crystals and which appear to be consistent with data on the interaction between dislocation and precipitate [41, 42] . For precipitates in an underaged state the appropriate expression for order hardening is [43] :
γ apb is the anti phase boundary energy on {111} planes, <r> is the average radius of the precipitates and Γ is the line tension, which can be calculated using the expressions presented in Ref. [43] .
When precipitates are relatively large and strong and the alloy is near its peak aged condition the appropriate expression for order hardening is [43] :
The change-over from the weak particle to the strong particle regime is relatively abrupt [42] and hence the total strengthening due to order hardening can be obtained to a sufficient accuracy by: 
We further need to take account of the fact that the very fine δ' phase that forms on room temperature ageing has a near to negligible strengthening effect [22] . This deviation from the predictions of the above equations is thought to result from their reduced effectiveness as obstacles as a result of their diffuse interface [14] and other structural imperfections [22] † . We will model strength for this condition assuming that the strengthening effect of δ' phase in the room temperature aged condition is effectively zero. (In the table with results of the model (   Table 4 ) the case of full effective δ' phase strengthening is presented in brackets.)
Strengthening due to GPB zones GPB zones are thought to strengthen crystals mainly as a result of modulus strengthening, and a simplified expression for this type of strengthening is given by [17] : GPB mod f 2 4 G π τ Δ = Δ (9) † Strengthening due to δ' phase is a result of order hardening and hence the anti-phase boundary (APB) energy of the L1 2 ordered phase is the determining factor for strengthening. If boundaries are diffuse, ordering in part of the δ' precipitate is not complete, and the average APB energy of a section through the precipitate is lower than in fully ordered δ' phase. Hence, diffuse interfaces will reduce strengthening.
where ΔG is the difference in shear moduli of matrix and GPB zone (see [17, 20] ).
Superposition of the strengthening effects
The superposition of the strengthening effects is calculated using expressions of the type: The various values of q which are appropriate for the superposition of different strengthening effects have been outlined elsewhere [20] . For superposition of GPB zone and δ' phase strengthening q ≈ 1.23.
Deformation of polycrystalline textured monolithic alloys. 
Following the weighting methods for texture components outlined in Ref. [44] combined with texture data in Refs. [44, 45] it is calculated that for hot rolled monolithic 8090 sheet M T = 3.2 and M S = 2.55. For monolithic 8090 alloy this procedure yields M values ranging from 2.55 for S' free T3 alloys to 2.64 and 2.95 for alloys containing increasing amounts of S'.
In order to perform the strength calculations the strengthening resulting from (the dislocation structure introduced by) the 2% stretch is estimated from tensile tests on naturally aged 8090 (46).
This yields a proof stress increment of about 70 MPa.
